The understanding of materials' behaviour during continuous irradiation is of great interest for utilizing materials in environments where harsh radiation is present, like nuclear power plants. Most power plants, both current and future ones, are based, at least partially, on Fe or FeCr alloys. In this study, we investigate the response of BCC Fe and several FeCr alloys to massively overlapping cascades. The effect of the added chromium on the defect accumulation and defect evolution was studied. Both a bulk setup, for observing the evolution deep inside the material far from grain boundaries and surfaces, and a setup with a nearby open surface, to investigate the effect of a permanent defect sink, were studied. We found that the primary defect production is similar in all materials, and also the build-up before serious overlap is comparable. When cascade overlap starts, we found that different sized clusters are formed in the different materials, depending on the setup. The defect cluster evolution was followed and could be related to the dislocation reactions in the materials. We found that the irradiation mixing was specific to the different chromium concentrations, the low chromium-containing alloy showed ordering, whereas the highest chromium-containing sample showed segregation.
Introduction
Iron and iron-chromium alloys are the base materials for many structural parts used in modern society. These materials are also the choice for constructing nuclear power plants, both in present and proposed concepts [1] . Some of the new proposed concepts are relying on higher temperatures, longer lifetimes and also higher doses of radiation, which places great demands on the material. It is known that the intensive radiation in these power plants will introduce defects, which ultimately will change the properties of the material. For instance, the mechanical properties of metals are known to be determined by the movement of dislocations. The mobility of dislocations are, on the other hand, dependent on the nanostructure of the material. Nanosized inclusions, voids, clusters, precipitates, impurities and defects will, at least to some degree, affect the movement of dislocations, for instance pin them and render them immobile [2e7]. The possible mixing and segregation of elements can also act to pin objects to mobile dislocations [8] . Immobile dislocations usually mean that the material becomes harder, but also more brittle, which can have detrimental effects on structural materials. This means that the nanosized defects, created and modified by irradiation, can ultimately affect the macroscopic behaviour of the material. Hence understanding their formation and evolution is important.
Irradiation experiments on Fe and FeCr alloys have shown that different defect structures are formed during irradiation. Both point defects and defect clusters can form, and these can then combine into even larger clusters. Vacancies can cluster and form voids and vacancy-type dislocation loops, and interstitials can combine and form C15-Laves phase clusters and interstitial-type dislocation loops. Two types of interstitial-type dislocation loops have been observed to form in iron and iron-based alloys, the 1/2C111D and the C100D dislocation loops [9, 10] . The 1/2C111D loop is mobile and can easily migrate, but the C100D loop is immobile and can act as a defect sink. In irradiation experiments both types of loops have been observed [9, 10] , but the formation mechanism of the energetically less favourable loop, the C100D loop, is yet not fully understood. At higher temperatures a transformation has been observed [11] and explained by anisotropic elasticity effects [12] , but at lower temperatures the mechanism is still under debate, and several mechanisms have been suggested [13e19] . Hence, to understand the evolution of the properties of materials, it is of great interest to understand the formation of defects.
Most computational studies done on irradiation damage in materials are focused on the primary damage in single cascades [20] . These kinds of simulations give great insight in which kind of defects are produced, how many are produced and also the spatial separation of defect clusters, for instance as a function of recoil energy or irradiating particle [19,21e27] . Recently, some investigations have been carried out on the effect of cascade overlap with previous debris in Fe [18,28e31] . These studies showed that the number of defects produced is dependent on the pre-existing defect size and the separation distance [29] , and also that existing dislocation loops can change the Burgers vector. There have been some investigations on the prolonged irradiation effects in metals done previously [32e35] . These studies are in some sense more comparable with experiments, as usually the doses achieved are much higher than what single cascades will achieve. These studies have shown that experimental doses, though at the low end, can be achieved by computer simulations. On one hand, the dose rates in these simulations are many order of magnitudes higher than in typical ion and neutron irradiation conditions (although similar dose rates can be achieved with plasma focused ion beam setups [36] ). Hence in typical experiments, there may be significant point defect migration occurring between the cascades [37, 38] . On the other hand, after rather moderate doses at room temperature, the defect structure is dominated by clusters (both in MD and rate theory [37, 39, 40] ) which are usually immobile. After this situation is reached, the dose rate effects are likely to be less significant, and the MD simulations of defect cluster buildup may be at least qualitatively relevant for understanding also the damage evolution at lower dose rates. This argument is strengthened by the fact that previous MD simulations of damage buildup in metals have shown very good agreement with experiments [41] . Some prolonged irradiation studies have been conducted Fe and FeCr alloys previously [32, 35] . One focused on elemental iron [35] and the previous study on Fe and FeCr alloys was done at a high energy and in a very small simulation cell [32] , which will result in very frequent overlap of cascades with the pre-existing defects. The behaviour of chromium in FeCr alloys has been studied previously, where chromium atoms have been seen to diffuse and cause segregation [42e46]. MD simulations of damage overlap have also been done in semiconductors [47, 48] , insulators [49] and nanoclusters [50] . In all these cases very good agreement was obtained with experimental amorphization rates in spite of the high MD dose rate, because after the same damage overlap, most damage is in clusters and point defect migration is no longer important for the further evolution.
In this article, we focus on a larger cell and lower energy recoils to study the effect of prolonged irradiation of iron and ironchromium alloys, with varying chromium contents. We focused on two different setups, a bulk setup to represent a sample deep inside the material far away from grain boundaries, and a setup with a nearby defect sink, in form of an open surface. All materials were subjected to 2 000 recoil events, resulting in a dose of 0.12 dpa. Several different aspects of the irradiation induced changes were studied. The number of point defects accumulated as a function of dose was investigated, and also the size distribution of the defect clusters. To study the possible segregation of chromium, the short range order and the detailed neighbourhood of chromium atoms were studied in all the alloys containing chromium. The interstitial-type defects were also analyzed for elemental segregation, as a function of cluster size. In addition to the cluster sizes, the created dislocation structures and their evolution were also investigated in all samples. These results, in form of size distributions and defect structures, can be used as input in higher scale models, like Discrete Dislocation Dynamics (DDD) [51e53].
Methods
All simulations were carried out with the classical MD code PARCAS [54, 55] , and the interatomic potential by Olsson et al. [56] . The interatomic potential is a two-band Embedded Atom Method (EAM) potential, describing the Fe and Cr interactions. Electronic stopping was used in all simulations, as a friction force on all atoms with a kinetic energy over 1 eV [57] . An adaptive timestep was utilized in all cascade simulations to accurately follow the trajectories of the energetic particles [58] . In this study, we investigated elemental Fe and five FeCr alloys with varying Cr content, all in a BCC structure. The FeCr alloys were to begin with random and the investigated Cr contents were 2.5 at-%, 5 at-%, 7.5 at-%, 10 at-% and 20 at-%. The simulations were carried out in two different setups, both a bulk and a surface setup. In the bulk setup, periodic boundary conditions (PBC) were applied in all directions to mimic an infinite single crystalline cell. In the surface setup, PBC were applied in two directions and a free surface was obtained by fixing a few layers of atoms at the bottom and leaving the boundary open at the top. In the bulk setup a simulation cell of 60 Â 63 Â 66 unit cells was used, resulting in about 500 000 atoms. In the case of the surface setup, the same number of unit cells were used for the mobile atoms, and a few layers of fixed atoms were added to the bottom. To keep the temperature at 300 K, a Berendsen-type thermostat [59] was applied on all border atoms in the bulk setup and on a few layers of atoms above the fixed atoms in the surface setup.
To study the response of the materials to irradiation, 2 000 overlapping cascades of 5 keV each were simulated. The energy was given as kinetic energy to one Fe lattice atom, to mimic the energy transfer from an energetic particle to the primary knock-on atom (PKA) in the cell. In this setup, the accumulated dose is about 0.12 dpa [60] , calculated with a displacement energy of 40 eV, which is the commonly used one for Fe and Fe-based alloys [61] . Each material was studied in three different separate runs, to obtain a more representative trend of the behaviour. The system was simulated for 30 ps after each initial recoil, to cool the system down to room temperature before the next recoil. To distribute the cascades homogeneously in the simulation cell, the recoil energy was given to one atom in the centre of the cell, in the bulk setup. This was done to hinder the cascade to interact with the thermally controlled layers of atoms. After each recoil, the simulation cell was shifted in all directions by a random amount. In the surface sample, the recoil energy was given to an atom in the middle third of the cell, to investigate the response of a bulk material with a nearby defect sink. This kind of simulation setup does not exactly correspond to any real irradiation condition, and hence this study is to be regarded as a model study of the effect of a nearby infinite planar defect sink on damage production. However, we do note that this model irradiation condition is actually not very far from an ion implantation with an energy that gives a damage maximum at the same depth (e.g. in the current case, SRIM simulations [62] show that 30 keV Ar ions under non-channeling conditions [63] would lead to a fairly similar recoil depth distribution). To homogeneously irradiate the cells in this setup, the simulation cells were shifted in both of the periodic x À , y À directions by a random amount after each recoil. To analyze the number of defects produced in single recoil events in pristine materials, 100 single recoils were simulated in each material to obtain the average defect production without overlapping effects.
Wigner-Seitz analysis was performed to identify the point defects (vacancies and interstitials) [64] . To obtain the defect cluster statistics a cutoff between the 2nd and 3rd nearest neighbours was used for vacancies and between the 3rd and 4th nearest neighbours for interstitials. Wigner-Seitz analysis was used as it is one of the few space-filling defect analysis methods. However, in rare cases, this method may yield the wrong defect structure and wrong number of defects close to complex defects, like the stacking fault tetrahedron in FCC [65] . To eliminate this possibility of wrong number of defects, the net balance of interstitials or vacancies in each cluster was determined in all cases. To furthermore study the exact structure of the defects, both C15-like structures and dislocation structures were determined. To obtain the chromium concentration in interstitial-type defects, we analyzed the atom types in multiply filled Wigner-Seitz cells. In the calculation of Short Range Order (SRO), varying cutoffs were used to investigate the SRO in different shells. All neighbours up to a certain cutoff and the neighbours in a certain interval were investigated. All numeric results given are the averages of the three different runs for each material, if not otherwise specified. The snapshots of the dislocation structure are taken from one of the three runs. To observe and analyze the dislocations in the samples, the Dislocation Extraction Algorithm (DXA) [66] implemented in OVITO [67] was used.
Results
All results presented in this section are the averages of the three different series conducted, if not otherwise indicated. There are some stochastic difference between the cases, which are visualized in the supplementary material (Suppl. Fig. 1 ). There the vacancy evolution as a function of dose is plotted for all three runs for some of the samples. The differences are small in the beginning, but in the end, mainly due to different dislocation structures, there are up to 5%e10% differences in the number of defects between the runs.
Results on all chromium contents will be described, however, only a few highlighted cases are shown as graphs in the main article for each of the different investigations. All graphical results are available for all samples in the Supplementary material found online.
Point defect accumulation
To study the accumulated defects in the different materials, we investigated the number of Wigner-Seitz defects [54] as a function of dose. In the case of the bulk investigation, we focused on the number of vacancies, which is the same as the number of interstitials and Frenkel pairs (FPs) (due to PBC). This point defect number calculation does not address the questions about the structure of the clusters, only the number of point defects in total. These questions related to ordering of point defects and structure of clusters are discussed later. In the investigation of the setup with a defect sink, we separated the vacancies and interstitials, as they have different migration barriers and can therefore reach the surface with different probabilities and rates. Another important factor is the number of adatoms, which is effectively the number of interstitials that have reached the surface reduced by the number of vacancies that reached the surface. Additionally, some vacancies and vacancy clusters were formed in the topmost layer of the cell, which are excluded from the total number of vacancies and vacancy cluster statistics, in similar manner as the adatoms are not included in the results for interstitials. The number of emitted atoms in the surface setup were the same in all investigated materials, and did therefore not show any dependence on the chromium content. This number was on the order of 50 after the 2000 initiated recoils.
To study the initial defect production, we also performed single impact simulations in all materials. The results of produced Frenkel pairs in a single 5 keV impact can be seen in Table 1 .
In Fig. 1a , the number of vacancies is presented as a function of dose for all materials in the bulk setup. The alloys with a higher chromium content have started to saturate at a similar number of vacancies, whereas the low chromium content alloys still show a small increase in the number of retained vacancies. In the elemental Fe sample, on the other hand, the number of vacancies is still increasing linearly with dose.
In Fig. 1b , the number of vacancies retained in the surface setup is presented for all materials. From the figure we can clearly see a different behaviour, compared to the bulk setup, Fig. 1a . Several general phenomena can be seen: 1) None of the materials have reached saturation; 2) The build-up rate is slower in the surface samples; 3) The alloy with highest chromium content shows the highest number of retained vacancies, in contrast to the bulk sample, and the elemental Fe sample shows similar number as the FeCr alloys, except the 20% chromium sample.
In Fig. 2a , the corresponding number of interstitials in the surface sample is presented. The graph clearly shows a difference between the behaviour of the materials. All materials have, except the 20% chromium sample, clearly reached a stable number of interstitials. The results show that the number of retained interstitials is corresponding to the chromium content, where a low or no chromium concentration will lead to a lower number of interstitials. In Fig. 2b , the number of adatoms is presented, which is closely related to the number of interstitials that have reached the surface. From this figure we can observe that the number of adatoms is highest in Fe and lowest in the 20% chromium sample. The other chromium alloys, that show similar a number of retained interstitials, show a similar number of adatoms. However, the order seems to be in the same order as the chromium content, where a higher concentration of Cr will yield a higher number of retained interstitials and a lower number of adatoms. The number of vacant atom positions in the surface layer, seen in Fig. 2c , is very similar in all materials, and increasing with dose.
Defect size distribution
The number of defects in different sized clusters in the bulk setup can be found in Fig. 3 and Fig. 4 , for interstitial and vacancy clusters, respectively. The number of interstitials and vacancies in the surface setup can be found in Fig. 5 and Fig. 6 , respectively. In these figures some representative cases are highlighted, and the same figures for other Cr concentrations can be found in the supplementary material online (Suppl. Figs. 2, 3, 6 and 7). The evolution of number of clusters can also be found for all materials in the supplementary material online.
In Fig. 3 , the effect of chromium on the interstitial-type defect clusters can be seen in the bulk setup. A significant difference can be seen between the pure Fe sample and the samples containing chromium. Some differences can be seen in the number of interstitials in small interstitial clusters, but the main difference is seen for larger clusters (over ten defects per cluster). This is highlighted in Fig. 3c and Fig. 3d , where the number of interstitials in the two largest size intervals are shown for all chromium concentrations at two different doses. In pure Fe we do not see almost any Table 1 Number of Frenkel pairs produced by a single 5 keV cascade. The numbers are averages over 100 independent events. The error bars are the standard error of the mean.
Material
Number of FPs clusters in the range 10e50 defects when serious overlap has started, as most defects are in clusters larger than 50. In the chromium-containing samples we see, by increasing the chromium content, the number of defects in larger clusters is going down. In the 5% chromium sample there are still quite many defects in the largest clusters, but at 10% Cr and 20% Cr the numbers are very low.
On the other hand, the number of defects in clusters of sizes 10 to 50 is higher in the high chromium-containing samples. The samples containing 2.5% and 7.5% chromium shows the same trend, and their response is between the pure Fe sample and the 5% sample and between the 5% sample and the 10% sample, respectively. From the same figure, Fig. 3 , the evolution of clusters can also be seen. For instance, for pure Fe, Fig. 3a , first we see a few single interstitials form, and also small clusters up to a few interstitials. After a while larger clusters start to form, and the number of defects in small clusters is decreasing. We also see that up to around 500 cascades, there are quite many defects in clusters of sizes 10 to 50, but as the dose increases, even larger clusters are formed and continue to grow. Similar general trends are seen for the chromium-containing samples. The huge differences are the times, e.g. number of cascades needed, for the larger clusters to start to form and the rate at which they are growing. The more chromium there is in the sample, the more cascades are needed for the larger clusters to form, and the slower they grow.
In Fig. 4 , the number of vacancies in different sized vacancy clusters is plotted, as a function of dose for the bulk setup. The size intervals are different from the interstitial-type defects, as the vacancies do not cluster as much. The largest vacancy clusters, which rarely are observed, reach a maximum size of 40e50 vacancies in the bulk samples, however, for clarity all of these are all included in the 10þ interval. As seen in the total number of vacancies in these same samples, Fig. 1a , we see that the 20% chromium-containing sample show almost no increase in defect number after around 600 cascades, which is of course also seen here. We see that all sizes but the clusters larger than 10 vacancies are already saturated, and that the larger than 10 vacancy clusters are the reason for the slow increase in total number of vacancies. However, for pure Fe, we can observe that the number of vacancies in all sized clusters are increasing even at the end of the simulation run. The other high chromium concentration alloys, 7.5% and 10%, show a very similar trend as the 20% sample. The lower chromium concentration alloys, 2.5% and 5%, show an increase in all sized vacancy clusters, although their increase is less than that seen for pure Fe.
From Fig. 1b and Fig. 2a , we see that the number of vacancies are increasing in the surface sample for all chromium concentrations, but the overall number of interstitials have reached a saturation point for all samples except the 20% chromium sample. In Fig. 5 , where the detailed cluster size analysis for interstitial clusters is shown, we can see that for pure Fe, all sized clusters have reached a steady state quite early in the simulation. On the other hand, for the 20% chromium sample, we see that the small interstitial clusters have reached saturation, but the larger clusters are still growing. The other chromium-containing alloys show on average that the number of defects in certain sized clusters have saturated, even though the fluctuations are higher in them compared to the pure Fe case.
For the vacancy clusters in the surface sample, we observe that the overall number is continuously increasing, and the reason can be seen in Fig. 6 . In the surface setup, as larger vacancy clusters are formed compared to the bulk setup, an extra size interval is added. For the low chromium concentration samples (pure Fe, Fig. 6a ), the amount of single vacancies is growing, and the larger clusters are growing in size and/or are increasing in number. For the high chromium concentration, (20% chromium, Fig. 6b ), the large clusters are increasing more than in the lower chromium concentration samples. This leads to a higher overall number of vacancies in the 20% chromium-containing surface sample. This alloy also shows a larger increase in the large vacancy clusters compared to pure Fe and the other alloys.
The number of clusters of certain sizes can be found in the supplementary material online (Suppl. Figs. 4, 5, 8 and 9 ). These results are closely related to the presented amount of defects in certain sizes of defect clusters. These results can be used as input to higher scale models, to include the amount of differently sized clusters at a certain dose. However, as all trends needed for the conclusions can be seen for the previous results, these are not discussed in more detail in the main manuscript.
Defect structure and evolution
The evolution of dislocations for one of the three cases can be seen in the supplementary material online (Suppl. Figs. 10e13) , for both the bulk and the surface setup. The frames are taken after 500, 1000 and 2000 initiated recoils in the different materials. The lines represents dislocation lines (green is 1/2C111D and purple is C100D) and the blue volumes are defective structures. These defective structure consists mainly of vacancy-rich disordered regions and some other small interstitial-type defects, like C15-Laves phasetype clusters. In elemental Fe we observe that there is a single large dislocation loop forming, whereas in the chromiumcontaining alloys we observe more but smaller dislocation loops. Both types of loops are seen, however, mainly the energetically more favourable 1/2C111D loops. In the surface samples we do not observe as large dislocation structures as in the bulk sample, and also a depleted zone of defects close to the surface according to the DXA. The depth profile of defects can be found in the supplementary material online (Suppl. Figs. 14 and 15) , where the profiles for both interstitials and vacancies for all material are found. In these graphs the depth profile of clusters consisting of five or more defects are also shown, to compare with the dislocation results.
Further analysis of the structure of the defects revealed that some of the interstitial-type clusters were in a C15-like structure. No drastic difference between the different chromium concentrations nor between the different setups were observed. The fractions of interstitials that were in a C15-like structure were around 1e6% after a few hundred cascades. The fluctuations are large, however, the general trend is that whenever large dislocations are present, we observe fewer C15-like interstitials. This was observed as fewer C15-like interstitials in the bulk Fe and more in the 20% chromiumcontaining alloy in bulk. In the surface setup, most C15-like interstitials was observed in lower chromium-containing alloys and less in the higher chromium-containing alloys.
Short range order
The SRO evolution for the different chromium concentrations for both setups can be found in Fig. 7 , where the first and second nearest neighbours are included. The SRO evolution for the other cutoffs can be found in the supplementary material (Suppl. Fig. 16 ). From the results we can see that in the beginning the samples were random, and that the irradiation will create ordering or segregation of chromium. From the figures we can for both setups observe ordering in the 2.5%e7.5% samples, a minute ordering in the 10% alloy, and segregation in the 20% alloy. Both setups show the same trends for this cutoff, and also for all the other investigated cutoffs.
The absolute values are differing between the two setups a bit, and it is related to layers of atoms close to the surface, as well as the atom layers close to the fixed atoms. In the analysis, these layers are missing some of their neighbours, which of course affects the quantitative results. Therefore, in the results here, we focus on the bulk setup. All the results for also the surface can be found in the supplementary material online (Suppl. Figs. 16 and 17) .
The SRO parameter for different shells in the alloys can be seen in Fig. 8 . The different lines represent different included shells, the upto ones contains all neighbours up to a certain limit, for instance the upto 1NN includes only the first nearest neighbours and the upto 2NN both the first and second nearest neighbours and so on. The ones with only is only including the mentioned shell, not all atoms up to that shell. The 5% chromium alloy is illustrated in Fig. 8a and the 20% chromium alloy in Fig. 8b . From these figures we can observe that there are different effects happening in the different shells, which can explain the overall trend seen.
To study in more detail what is happening, we focus on the neighbourhood of chromium atoms. Here we study the number of chromium neighbours the chromium atoms have up to the 2NN shell. The alloys with 2.5%, 5% and 7.5% chromium all show the same trend. The fraction of chromium atoms with no chromium atoms as neighbours are increasing as a function of dose, whereas the chromium atoms with any amount of chromium atoms as neighbours are decreasing as a function of dose, see Fig. 9a for the 5% chromium sample. For the 10% chromium alloy, we observe minute changes in the neighbourhood, in line with the overall SRO change. In the 20% chromium-containing alloy we saw an overall segregation in the alloy, see Fig. 7 . Looking into the neighbourhood of the chromium atoms we can observe a clear increase in chromium atoms with many chromium neighbours, see Fig. 9b .
Chromium concentration in defects
The chromium concentration in interstitial-type defect clusters are found in Fig. 10 , for two samples in the bulk configuration. The results are the average over 50 frames in each run. Similar graphs for the other samples in both setups can be found in the supplementary material online (Suppl. Fig. 18 ). Both the bulk and the surface setups show similar fractions of Cr in the different sized interstitial clusters. For the lower chromium-containing alloys we can observe, especially in the smaller sized clusters, a higher fraction of chromium compared to the average chromium concentration, Fig. 10a . In the 10% chromium-containing alloy, only the single interstitials are chromium-rich, whereas the chromium concentration in the other clusters are the same as the ambient concentration. In the 20% chromium sample, Fig. 10b , we can observe a depletion of chromium compared to the ambient concentration, in all sized interstitial-type defect clusters.
Discussion
The single recoil simulations (Table 1) showed that the primary defect production in one cascade is not significantly affected by the amount of chromium content in the sample. A small difference was seen, where the 5% chromium alloy showed the smallest number of generated point defects and the 20% Cr alloy showed the highest number of defects. The difference is still not that significant that it can explain the differences in the accumulated defect numbers (seen in the next paragraph). These values are much smaller than the value predicted by NRT equation [60] , $ 31 FPs, but very close to the more recent arcdpa value [68] , $ 12 FPs, with the displacement energy of 40 eV and the constants for elemental iron. The similar defect production in all materials can also be seen as a similar amount of defects retained in all materials in the beginning of the overlapping cascades. The defect amount is increasing linearly in the beginning, where cascade overlap does not yet affect the Fig. 7 . The SRO parameter for both setups for all chromium-containing alloys, where the atoms in the first and second nearest shells are included. results, and all samples are behaving similarly. After about 100 cascades, the different materials start to behave differently depending on the chromium content, and also the setup, bulk or surface, will affect the defect build-up drastically.
As the dose increases, we start to observe differences between the materials and setups for interstitials. We can see that the defects are mobile in elemental Fe and in the low chromiumcontaining alloys. This will in the bulk setup lead to larger defect clusters, however, in the surface setup this will lead to the annihilation of some of the defects. This explains the opposite behaviour in the different setups for interstitials. The reason for the behaviour can be seen in the cluster size evolution of the different materials and setups. In elemental Fe we can see the fastest growth of intermediate interstitial clusters, which mainly are dislocation loops. These are usually mobile, which means that they can in the bulk setup combine and form even larger dislocations and dislocation networks. These large dislocations then absorb the nearby defects and keep growing. The chromium-containing samples also show a growth of defect clusters, however, the onset is at a higher dose and also the increase is slower. This can be observed to be due to the less mobile or immobile dislocation loops in the chromiumcontaining alloys. In especially the higher chromium-containing alloys, the dislocations are not mobile at all, leaving them relatively small, and having no recombination effects. Some movement can be seen from the heat and shock waves of nearby cascades. On one hand, cascades will introduce new defects to the material, which can be absorbed by the pre-existing defects. However, this is the case for all materials, except for the point defect diffusion rates, which are different. On the other hand, the mobile dislocations in Fe and low concentration Cr samples will move and absorb defects, which make them grow faster, which is related to the dislocation mobility in the samples. The reduced dislocation mobility in chromium-containing samples has been studied earlier in for instance Refs. [69] and [70] . In the surface sample, the mobile loops in the intermediate stage can reach the surface and annihilate in the low chromium-containing samples, whereas they are immobile in the high chromium-containing cells, and therefore keep growing slowly. The changes can be more drastic in the surface sample, as when a loop combines with the surface, tens or even hundreds of defects can immediately vanish from the system, compared to the bulk setup. The differences in dislocation and interstitial-type point defect mobilities can also be seen in the number of adatoms. In pure Fe and the low Cr-containing alloys, we can observe a lot of adatoms, whereas the high chromium-containing alloys show much less adatoms. The number of vacancies reaching the surface was not affected by the chromium content.
The vacancies, on the other hand, have a much higher migration barrier, which is seen as a not as drastic difference between the setups. However, as the interstitials and interstitial clusters are moving to the surface, we are left with a vacancy-rich volume in the surface sample. This can be observed as more clustering of the vacancies in the surface sample compared to the bulk sample. This is a result of the missing interstitials that have annihilated at the surfaces, leading to an excess of vacancies inside the material. From the size evolution of the vacancy clusters, we can see that mainly single defects and small clusters are forming in the beginning. As the dose increases we see the sizes and the number of the clusters starting to increase. In the end, where saturation on an overall vacancy point defect level is observed, we still can see some small changes in the size distributions. These results show that the overlap of cascades with pre-existing defects can change the defect structures. There have been some studies on the details of the effect of cascades overlapping with certain defects structures, i.e. Refs. [18,28e31] . The size and number distributions of the different clusters obtained here can be used as input in higher scale models, to get size distribution of defects at different doses, for instance in DDD simulations.
Looking at the dislocations in the bulk cells, we can confirm that the large interstitial clusters are dislocations, mainly mobile 1/ 2C111D loops. We can also observe the formation of the immobile C 100D interstitials loops, which has been studied in more detail previously in Ref. [18] . The simulations showed that in all materials, at some point during the irradiation, C100D loops are formed.
However, mainly 1/2C111D loops are formed, as they are energetically more favourable. Also in the surface sample, the largest interstitial clusters are dislocations, and they are mainly of 1/ 2C111D-type. The dislocations are smaller compared to the bulk, as in elemental Fe and in low chromium-containing alloys they are quite mobile and can annihilate at the surface.
Investigating the depth profile of defects in the surface setup, we can observe after prolonged irradiation a vacancy peak in the centre, where the cascades are initiated, and a two-peak distribution of interstitials, around the centre. At the recoil event, interstitials are pushed away from the cascade centre, leaving behind a vacancy-rich volume. When many of cascades are initiated in the middle of the cell, we are left with a vacancy-rich middle layer and with interstitial-rich layers on both sides. Looking at the zone close to the surface with very few defect clusters according to DXA, we can, however, still observe some defects in this region. These defects are mainly point defects and very small clusters, as seen in the depth profiles. Only in a few of the cases clusters of five or more defects are seen in the depth profile figures in this region. This explains the scarcity of dislocations and defective volumes in the DXA analysis close to the surface.
Detailed investigation of the defect structure revealed that C15like clusters are formed in all samples in similar amounts, regardless of chromium content. The fraction of C15-like interstitials was, however, only on the level of a few percent. The low fraction can be explained by the stability of C15 in the used potential [71] . There were no major differences between the alloys, and the fluctuations were large, however, some phenomena could be seen. In the cases where large dislocations were present, fewer C15-like interstitials could be observed. These cases were elemental Fe and low Crcontaining alloys in bulk setup, and the high chromiumcontaining alloys in the surface setup. The large dislocations found in these samples can easily during interaction dissolve the existing C15-like clusters.
Looking at the SRO for the different chromium concentrations, we could observe ordering for the low chromium-containing alloys, almost no change for the 10% chromium sample and segregation for the 20% chromium sample. For the low chromium-containing alloys we can observe a decrease in the SRO parameter for all different nearest neighbour shells. This, of course, is portrayed in the overall decrease of SRO, e.g. ordering. For the 10% chromium alloy, we saw a slight ordering, and it can be seen that the value for the 1NN shell is constant, while a small ordering is seen for the other shells. For the highest chromium-containing alloy, a clear segregation was seen for the first and second nearest shell. Looking at the shell specific data, we can observe that there is a clear segregation in the 1NN shell and an ordering in the 3NN shell, while the 2NN is almost constant during the simulation. Checking the detailed neighbourhood of the chromium atoms in the samples, similar trends can be seen. For the 2.5%e7.5% chromium samples, we can see an increase of chromium atoms with zero chromium neighbours and a decrease of chromium atoms with any number of chromium neighbours. For the 10% chromium alloy, we observe a minute increase in Cr atoms with zero chromium neighbours, no change for those with 1 Cr neighbour, and a minute decrease in the ones with 2 or 3 chromium neighbours. This is in line with the overall slight ordering seen. In the 20% Cr alloy we saw an overall segregation in the alloy. Looking into the neighbourhood of the chromium atoms we can observe a decrease of Cr atoms with 0e3 chromium atoms as neighbours and an increase in the fraction of Cr atoms with 4 and more chromium atoms as neighbours. This increase of chromium atoms with many chromium neighbour explain the overall segregation seen.
Investigation of the elemental structure of the interstitial-type defects revealed that in most cases for the smaller clusters there is an excess of chromium compared to the average chromium concentration. For the sample with 2.5% Cr atoms, we can see an excess of chromium in the defect clusters up to sizes of tens of interstitials. For the 5% Cr sample the clusters up to ten defects are chromium-rich. For the 7.5% and 10% samples only the single interstitials have more chromium than the average cell. In the 20% chromium sample we can see a depletion of chromium in all sizes of interstitial clusters. As the largest interstitial cluster are dislocations that are mobile, it is understandable that they move through the cell and therefore contain the average chromium concentration. The single C110D interstitial dumbbell is most energetically favourable as a mixed one, one chromium and one iron atom (À0.1 eV compared to the double Fe-dumbbell), in an otherwise elemental iron environment [56] . The double chromium dumbbell is, however, less energetically favourable than the double iron dumbbell (þ0.4 eV). This can explain the results that we observe an excess of chromium in the smallest interstitial defect clusters at low chromium concentrations. To analyze the behaviour in the higher chromium-containing alloys, formation energy calculations of the dumbbells in 10% and 20% samples were conducted. At 10% chromium the double iron and the mixed dumbbell have the same energy, and the double chromium the highest formation energy (þ0.3 eV). On the other hand, in the 20% Cr sample, we found that the double iron dumbbell is the most stable one, followed by the mixed dumbbell (þ0.1 eV) and with the double chromium one highest in energy (þ0.2 eV). This explains why we still observe an excess of chromium in small clusters in the 10% chromium sample, and why we see a reduction of chromium as interstitials in the 20% sample.
Conclusions
In this article, we have studied the effect of massively overlapping cascades in Fe and five FeCr alloys. The defect amount, cluster evolution and short range order were studied up to a dose of 0.12 dpa, both in a bulk and a surface setup. In the beginning where there was no or minute cascade overlap, the materials behaved similarly. As the dose increased, the different FeCr alloy samples started to show different defect evolution. The main factors were seen the to be the dislocation and defect reactions and behaviour. In the low chromium samples, the dislocations were mobile and could combine into large dislocation networks, whereas in the high chromium-containing samples, they were left immobile and smaller. In the setup with a defect sink, the high mobility of dislocation changed the evolution drastically, as now the dislocation could annihilate at the surface. Both types of dislocation loops, the 1/2C111D loop and the C100D loop, were observed, however the 1/2C111D loop more readily, as it is energetically more favourable. The low chromium-containing samples all showed ordering, which was also seen as an increase of chromium atoms that did not have any chromium neighbours. The 10% chromium sample showed a minute ordering, which was mainly attributed to a small increase of Cr atoms with no chromium neighbours. The 20% chromium sample showed an overall segregation, which was seen as a decrease of chromium atoms with few chromium neighbours and a huge increase of chromium atoms with many chromium neighbours. In all samples, except the highest Cr-containing one, an excess of chromium in interstitial-type defects could be observed. The excess of chromium in small interstitial defects could be explained by the relative stability of the different interstitial dumbbells. Depending on the average concentration, different sized clusters became chromium-rich. The defect size distribution results obtained can be used in higher scale models, like DDD, to mimic certain irradiation doses.
